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Molecular orientation parameters have been measured for the non-crystalline component of crosslinked
natural rubber samples deformed in uniaxial tension as a function of the extension ratio and of
temperature. The orientation parapeters {P,(cosa) > and {P,(cosa) > were obtained by an analysis of the
anisotropy of the wide-angle X-ray scattering functions. For the measurements made at high
temperatures the level of crystallinity detected was negligible and the orientation—strain behaviour could
be compared directly with the predictions of molecular models of rubber elasticity. The molecular
orientation behaviour with strain was found to be at variance with the estimates of the affine model
particularly at low and moderate strains. Extension of the crosslinked rubber at room temperature led to
strain—crystallization and measurements of both the molecular orientation of the non-crystalline chains
and the degree of crystallinity during extension and relaxation enabled the role of the crystallites in the
deformation process to be considered in detail. The intrinsic birefringence of the non-crystalline
component was estimated, through the use of the {(P,(cosa)) values obtained from X-ray scattering
measurements, to be 0.20+0.02.
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INTRODUCTION

The measurement of the development of molecular
orientation in rubber networks with increasing applied
strain has traditionally been made by birefringence
techniques'-2, Such data have been invaluable as
qualitative tests of the predictions of deformation
models notably those statistical chain models arising
from the original work of Kuhn and Griin®. However,
although birefringence provides a measure of the
molecular orientation, the results are difficult to convert
to quantitative orientation parameters. Any conversion
relies upon an intrinsic birefringence, that is, that which
would occur in a perfectly oriented system. This
intrinsic birefringence may only be obtained by means
of an independent orientation measurement or by
calculation based upon rather empirical methods.
Within this framework, it is perhaps not surprising that
the emphasis in testing predictions of deformation
models against experimental data has been upon force-
extension curves which are more readily available. This
is despite the more direct link that the measurement of
chain orientation has with the molecular aspects of the
deformation process.

There are many techniques for the quantitative
measurement of preferred molecular orientation®~S,
although none appears to have been applied to rubber
networks. Wide-angle X-ray scattering (WAXS) is
particularly useful since it allows both the orientation
parameters and the local structure to be evaluated’.
This paper presents the results of the application of
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WAXS techniques to the measurement of molecular
orientation parameters in crosslinked natural rubber.
The study includes the determination of an intrinsic
birefringence which allows earlier optical studies to be
re-evaluated on a quantitative basis.

MEASUREMENT OF MOLECULAR
ORIENTATION

For samples subjected to uniaxial tension, as in this
study it is only necessary to define the distribution of
molecular chain segments about the extension axis. The
most convenient method of describing the distribution
D(x) of these directors in space is by exploiting the
properties of a series of orthogonal functions P,{(cosx),
where « is the angle between the axis of the orienting
unit and the extension axis of the specimen, and P, are
Legendre polynomials. For a system with uniaxial and
inversion symmetry only the even harmonics are
required, and for a sample of low orientation only the
first few terms will be significant:

Py(cosa)=1

P,(cosa)=(3cos?a—1)/2 1)

P,(cosa)=(35cos*a—30cos?a+3)/8
<P2(cosa)> is often referred to as the ‘Hermans
Orientation function’, and the experimental bi-

refringence An is related to it (assuming a number of
conditions hold) by:

An={P,(cosx))An° )



where An® is the intrinsic birefringence. The anisotropy
in the X-ray scattering pattern at a particular scattering
vector st, I{a) may be considered to be the consequence
of smearing or convoluting the scattering which would
be associated with a single orienting structure I (), with
the orientation function D(x):

Ia)=1,(2)*D(a) 3)

If these three functions are expressed in terms of their
spherical harmonics, then as has been previously
described® the coefficients of the harmonics are related
by:

<P2n(C05a)>1=<P2n(COS°‘)>1u' <P2n(COS°‘)>D 4)

The coefficients P, (cosx) may be obtained from the
experimental scattering function I(«) by:

n/2

I{(o)P,,(cosa) sina dot

(Panlcosa));="—— (5)

I{o) sinocdox

0

{P,,(cosa)y, and {P,,(cosx)),, are defined by anal-
ogous relationships. Thus if either the scattering from a
single orienting structure is known, or its harmonic
coefficients { P,(cosx)) in the range of n considered, then
the harmonic coefficients of the orientation function
D(a) follow as a series of quotients.

Previously in a study of the molecular orientation in
deformed polymethylmethacrylate” !9, the scattering
of vectors >1.5 A~! was utilized. This scattering arises
solely from correlations within each chain segments,
and for PMMA with a persistent conformation extend-
ing over 8-10 monomer units, the values of
{P,,(cosa)y,;, were relatively high. However, for cis-
polyisoprene the level of persistent conformation is
much less, which together with the delocalization of the
backbone rotation angles'! leads to small values of
{P,,(cosx)y,, rendering the measurement of orientation
statistically more difficult. Preliminary calculations
suggest a value of (P,(cosw)),, of less than 0.1 for a
scattering vector of 3.0 A=, In other words at that
scattering vector the observed anisotropy in the scatter-
ing is less than 109 of the anisotropy in the molecular
orientation.

In this study of natural rubber the anisotropy of the
most intense peak in the scattering pattern at 1.35 A1
was used. This peak arises from spatial correlations
between chain segments!?:'3 and intensifies in scattering
patterns for aligned samples towards the equator, i.e.
normal to the extension axis. The anisotropy of this
interchain peak has been used in other studies of the
molecular orientation in non-crystalline polymers!#-1?
and in liquid crystal systems!®!’, In those studies the
coefficients ( P,,(cosa)),, used were those appropriate to
a crystalline array of infinitely long rods. For such an
assemblage the interchain scattering is confined to the
equatorial layer. The effects upon the values of

¥  Where s=4nsinf/i.
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(P,,(cosa)y,, of finite length molecular segments which
would smear the equatorial peak parallel to the
meridional axis, and of spatial order were neglected or
considered to be negligible'®!”. For a perfect system of
aligned rods the value of (P,(cosa)),, relevant to the
interchain peak is —0.5% Consideration of the effects of
molecular length and the volume within which there is
orientational correlation gives values in the range
—0.33 to —0.45'%. The value of —0.45 was obtained
from a model with an orientational correlation volume
of radius 15 A, while the value of —0.33 was derived by
considering the orienting unit to be equiaxed. In a highly
flexible polymer such as cis-polyisoprene we would
expect the orienting unit to be a short section of the
polymer chain perhaps corresponding to a size the
order of a monomer unit. If we convert the experimental
value for the characteristic ratio C , for cis-polyisoprene
of 47'° to a persistent length a, by the use of the
relationship?®:

Co=[2a/1]-1 (6)

where [ is the average bond length, we obtain a value of
~4.3 A. This suggests that the typical segment length is
of the same order as the molecular diameter, in accord
with X-ray scattering studies of isotropic samples of
natural rubber!!. Accordingly the value of —0.33 for
(P,(cosx)),;, was used. It is relevant to note, however,
that since these ‘correction’ factors are independent of
strain, the shape of the orientation versus strain curve
will be largely unchanged by any minor variations in
these factors.

EXPERIMENTAL

The material used in this study was natural rubber
grade SMRSCV lightly crosslinked with dicumyl-
peroxide, kindly prepared by Claude Hepbum of
Loughborough University. The samples for the WAXS
measurements were 10 mm wide strips cut from a 3 mm
thick sheet. The samples were strained in a purpose
built device mounted within an Eulerian cradle, which
allowed the extended sample to be rotated in its own
plane. The cradle formed part of a symmetrical
transmission X-ray diffractometer, equipped with an
incident beam monochromator, pinhole collimation and
step-scanning facilities which has been described pre-
viously'®, The stretched samples were maintained at
fixed temperatures by means of a hot air device
controlled by a thermocouple in contact with the
sample. Extensions and scattering measurements were
made at temperatures of 21°C, 56°C and 75°C. The
extension ratio was determined from ink marks in-
scribed on the sample prior to extension. After each
series of experiments, the sample was returned to the
unstrained state and the gauge length was measured to
determine the level of creep; there was no discernable
creep.

The X-ray scattering curve from an isotropic natural
rubber sample is shown in Figure I. There are peaks at
s~135A"" and 30A"'. The minor peak at
s~2.1 A~ is associated with a small level of crystalline
impurity and its intensity may be used to normalize the
scattering for measurements of the level of crystallinity
in rubber samples of differing thickness. The scattering
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I(s)
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Figure 1 X-ray scattering intensity function /(s) for an
undeformed sample of natural rubber used in this study. The
measurements were made at 21°C. s=4zrsind/4i where 28 is the
angle between the incident and scattered directions

curve is similar in basic form to other non-crystalline
polymers'? and the peak at s~1.35A7! may be
associated with spatial correlations between chain
segments, while peaks in the scattering curve at
§>2.0 A~ are related to correlations within a single
chain segment. The local structure of the isotropic
material has been considered in depth elsewhere!!,
however it is pertinent to report here that the local
conformation was determined to be highly irregular
with no evidence for any particular level of interchain
orientational correlation.

Three types of X-ray scattering data measurements
were made.

(a) In order to measure the molecular orientation
parameters the anisotropy of the interchain peak at
s~1.35 A" was utilized, and the function I(x) was
measured over the range a=0° to 90° in steps of
Au=9°. The air-scattered background was estimated by
measuring the intensity at the same value of s but with a
sample of equivalent thickness placed in front of the X-
ray detector. From an intensity curve normalized in
electron units and the theoretical incoherent scattering
function?!, the incoherent background was estimated to
be ~2% of the measured signal. However, variations in
the value of this isotropic background, or the air scatter
had no effect upon the values of molecular orientation
parameters determined within the level of precision
reported in this work. The orientation parameters (P, )
and (P,) were obtained after subtraction of this
background through the use of equations (4) and (5).

(b) To determine the degree of crystallinity in the
extended samples, scans of the scattered intensities were
made at fixed x=90° using steps of 0.2°20. An
approximate level of crystallinity was determined from
these scans by the use of the relationship:
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%crystallinity:,:l I's) ] x 100 (7

~76)

where [”(s) is the scattering from a totally non-
crystalline sample and I'(s) is the scattering from the
non-crystalline component of a semi-crystalline ma-
terial. The intensity value I(s) corresponding to the
interchain peak at s~1.35A"! was used for these
measurements and it was normalized to take account of
the thickness variations using the intensity of the
impurity peak at s~2.1 A~! which had an isotropic
distribution.

(0 To monitor the general structure and the
crystallite orientation in particular, the complete pattern
I(s,¢) was recorded over the range s=0.21 to 50 A~ ! in
steps of 1° 26, and «a=0° to 90° in steps of 9°. This
scattering function will be displayed as an s-weighted
reduced intensity function si(s,«), the correction and
normalization procedures being as used previously'®.

It was observed, as in previous studies???3 that the
crystallite orientation in the room temperature extended
samples was nearly perfectly aligned with the extension
axis. This observation enabled the crystalline scattering
component to be removed from the function I(x) by
extrapolation. As a result the orientation of the non-
crystalline component alone was obtained. The extrapo-
lation procedure is illustrated in Figure 2, which shows
the azimuthal profile /(a) for s~1.35 A~! for a sample
with an extension ratio of 4. For measurements made at
elevated temperatures it was only for the most highly
extended samples, in which a low level of crystallinity
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Figure 2 A plot of the intensity function /(x) for s=1.35 A1
for a sample of natural rubber extended at 21°C with an

extension ratio of 4. The filled cirles are the measured data points,
and the dashed line represents the extrapolated function used to
determine the orientation parameters of the non-crystalline
component. The dotted line indicates the contribution from the
crystalline fraction



CIOF
!
/.
/
/
. /
A /
Q ’
/
005+ ,
Ve
//.
//./‘
[ ] -9
. %
'/:/. °
2 L 1 { i i
j 2 3 4 5 6 7

Figure 3 A plot of the coefficient (P,) of the orientation
distribution function for the non-crystalline component of natural
rubber extended at 21°C as a function of the extension ratio A
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Figure 4 (P,> values obtained for the non-crystalline
component of natural rubber at 21°C upon unloading in stages a
sample previously extended to a maximum strain of A=7. The
solid line represents the values obtained on loading, taken from
Figure 3

was detected, that the above procedure was necessary.
The birefringence was measured using quartz wedges
and a five order Berek compensator mounted in a
transmission light microscope. The modulus of the
natural rubber samples was determined using an
Instron Tensometer with a strain rate of 10725~ !. An
initial modulus (E) was determined with a value of
0.30 MPa. The evaluation of the modulus in terms of
the molecular weight between junction points depends
upon the precise model of rubber elasticity assumed. In
this study we used the modulus determined from the
initial slope in the force-extension curve together with
the affine model'! to gain an appreciation of the
molecular weight via the relationship:

Molecular weight of chain=3p kT/E (8)

with p the macroscopic density. This formulation gives
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a molecular weight of ~23600, a value broadly
comparable with that calculated on the basis of the
quantity of dicumyl-peroxide used and its efficiency of
crosslinking?*.

RESULTS

Extension at 21°C

Figure 3 shows the values of (P,) obtained for
extensions at 21°C in the range of A=1 to 7. The values
of <P4> measured were, within the experimental error,
zero over the complete strain range considered here.
The (P, ) versys 4 curve shows the characteristic shape
with its pronounced curvature, traditionally associated
with orientation development in rubbers. There is an
approximately linear relationship between (P,) and 4
from A=1 to 4.5, followed by an increasingly steeper
upturn. It is emphasized that the (P, ) values shown for
the non-crystalline component of the material. Figure 4
shows the values of (P,) for the non-crystalline
component obtained upon unloading in stages a sample
previously strained to A=7. There is a significant
departure in the curve for A>3 from the values of (P,)
obtained in the loading cycle. The levels of crystallinity
determined from the scattering measurements using
equation (7) are shown in Figure 5 for both the loading
and unloading cycles. There is again a marked
hysteresis similar to that observed in the {(P,) versus 4
plot (Figure 4). A completely non-crystalline sample is
only obtained by unloading to 2=2. To illustrate the
nature of the crystallite orientation, Figures 6 and 7
show the s-weighted reduced intensity functions si(s,x)
for the samples extended to A=7 and 1=4.4 at 21°C. In
the highly extended sample (Figure 6) the crystalline
component dominates the scattering function. The
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Figure 5 A plot of the %crystallinity evaluated from the X-ray
scattering curves using equation (7), as a function of the
extension ratio, for both the loading (filled circles) and unloading
(open circles) cycles at 21°C
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Figure 6 (a) The scattering function si(s,x) for a natural rubber sample deformed at 21°C with an extension ratio of 7. The extension
axis is vertical, and the broken contours indicate negative values. (b) The equatorial (x=90", solid line) and the meridional (x=0°, broken

line) sections of the intensity surface shown in Figure 6a

s(&)

Figure 7 (a) The scattering function s/(s,x) for a sample of natural rubber deformed at 21°C with an extension ratio of 4.4. (b) The
equatorial and meridional sections of the intensity surface of Figure 7a (key as for Figure 6b)

arcing of the crystalline diffraction spots is extremely
limited, indicating a high level of crystallite orientation.
The degree of crystallinity in the sample with 1=4.4
(Figure 7) is small and it is difficult to identify the crystal
diffraction maxima against the broad non-crystalline
scattering peaks. If the isotropic component of the
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s(R™)

scattering which, considering the low level of orien-
tation will be effectively the non-crystalline component,
is subtracted from the scattering function the remaining
anisotropic part or principally the crystalline scattering
is revealed in more detail. Figure 8 shows the result of
the subtraction; the anisotropic component®® for the



3
s(&™)

Figure 8 (a) Scattering function s/'(s,x) corresponding to that shown in Figure 7a from which the isotropic component
2
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( si(s,x) sinx d has been subtracted to illustrate the high level of crystalline orientation. (b) The equatorial and meridional sections of
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Figure 9 Plot of the measured birefringence Qn against the
orientation parameter {P,> obtained from the WAXS analysis. The
slope gives the intrinsic birefringence Qn°

sample with 4 =4.4 exhibits a comparable level of arcing
of the crystalline diffraction maxima to that seen for the
highly extended sample.

Intrinsic birefringence

It is clear from the scattering studies of the sample
extended at 21°C, that there is significant crystallization
for A>4. Birefringence experiments are unable to

~ distinguish between the effects of orientation in the

crystalline and non-crystalline regions. Thus to enable
the intrinsic birefringence of the non-crystalline network
alone to be obtained, measurements were restricted to
values of 1<4.5 The birefringence determinations were
performed on the X-ray samples using the same
tensometer as used for the scattering studies. Figure 9
shows a plot of the birefringence values measured for
values of 1 <4.5 and the equivalent { P, ) components of
the orientation distribution functions obtained using the
WAXS techniques described above. There is a reason-
able linear relationship, from which, using equation (2)
an intrinsic birefringence of 0.2 F0.02 may be obtained.

Extension at 56°C and 75°C

Orientation measurements were made at elevated
temperatures in order to suppress the onset of crystalli-
zation. However, a small degree of crystallinity was
detected in the highly extended samples at 56°C as
shown in Figure 11. It was found that samples extended
at 75°C for A>5 fractured, presumably in part due to
thermal degradation. However, the increased tempera-
ture would suppress crystallization even at the higher
strains, and hence the well-known reinforcing nature of
the crystallites would be lost leading to breakage.
Accordingly, for the A>5 the values of (P, obtained
upon extension at 56°C were utilized. Figure 10 shows
the orientation development with increasing strain for
the two temperatures. The (P,) versus curve is almost
linear over the complete strain range. As for the
measurements made at room temperature, the values of
(P,) recorded at 56°C and 75°C were not significantly
non-zero.
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Figure 10 Plot of the coefficients {(P,) of the orientation
function for the non-crystalline component of natural rubber
extended at 56°C (open triangles) and 75°C (filled triangles) as a
function of the extension ratio A. The solid line represents the
values of (P, obtained for extension at 21°C (from Figure 3).
The level of crystallinity for the samples at 56°C was zero for 1 <5

DISCUSSION

Predicted orientation—strain behaviour

The next step is to compare the development of
orientation of the non-crystalline component on exten-
sion determined by experiment with the predictions of
possible molecular models. The classic model of rubber
elasticity relates to a network of chains in which the
stress is transmitted to the molecular chains only via the
junction points. The junction points, or the end-to-end
vectors of the chains in the network are considered to
deform affinely, that is as if fixed to the macroscopic
continuum’3, The rate of development of segmental
orientation with applied strain is related to the number
of statistical links or segments in the chain between
junction points. For small strains it is adequate to
assume a Gaussian distribution of chain segments®-2¢,
but for large strains non-Gaussian distributions are
necessary?’-2%, In these models the chains have no
interactions except through the junction points. Alter-
native treatments consider the fluctuations of the
junction points?® about their mean positions in the
network, which leads to non-affine behaviour of the
chain vectors®°, Such so-called phantom chain models
differ in their predictions of stress and orientation3!
from the affine model by a factor of one half. More
recently the effects of neighbouring chains have been
introduced into the phantom chain model®! ~33, al-
though their interactions are assumed only to apply to
the constraints upon the locations of junction points.
Such a model predicts an additional strain dependent
term to the phantom chain model which leads to greater
initial rates of molecular orientation with strain®!. We
may consider these models to lie in a spectrum of
behaviour with the affine and phantom chain models
providing the limiting cases. Intermolecular interactions
have been introduced more explicitly into network
models by several studies®** 3%, involving short-range
orientational coupling between adjacent chain segments.
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These interactions also increase the chain orientation,
although are thought3* to have little effect upon the
stress—strain behaviour. More radical approaches have
been considered by Kilian®” and by Brown and
Windle*®, although the former does not directly
consider orientational behaviour. Brown et al.3® se-
parate out the response of the material to stress, into
orientational and translational components, an ap-
proach which provides an adequate fit to the stress—
orientational strain data relating to thermoplastic
polymers deformed above T,. They do not apply the
model to natural rubber or comparable systems.

In the first instance, we shall adopt the formulation of
Nobbs and Bower?® which uses Treloar’s expansion of
the inverse Langevin function®’ to predict the orien-
tational behaviour of an affine non-Gaussian chain
model. The only parameter is n, the number of
statistical links or segments between junction points.
Figure 12 shows the development of (P,) with strain
predicted by the affine model for a range of n. The
values of n were chosen to provide {P,) levels which
embraced those observed. Similar curves may be
calculated for the phantom chain model, in which case
the equivalent values of n will be half those indicated,
although for the phantom chain model the distribution
of chain segments is assumed to be Gaussian. It is
noticeable that there is a greater similarity in the shape
of the curve for measurements made at 21°C to the
predicted relationships, than for the curve representing
the high temperature experiments. If we equate a
statistical link with a monomer in line with the
scattering studies'!, the molecular weight obtained from
the initial modulus (equation (8)) indicates a value for n
of ~350. Before attempting to refine the molecular
model to predict curves in better agreement with the
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Figure 11 %Crystallinity measured for samples of natural rubber

‘extended at 56°C (filled triangles) as a function of the extension

ratio 4. The solid line represents the crystallinity measured for
samples extended at 21°C (Figure 5)
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Figure 12 Comparison of the predicted orientation behaviour of
the affine model for a range of n, the number of statistical links
between junction points (A) n=100, (B) n=200, (C) n=300,
with the experimentally determined (P, values obtained for
extensions at (D) 21°C and (E) 56°C and 75°C

experimental values, it is more relevant to consider the
reasons for the differences between the orientational
behaviour observed at different temperatures.

Effect of crystallization

It is well known that natural rubber crystallizes upon
the application of stress at room temperature, and the
phenomenon has been extensively studied (for example
refs. 22, 23, 39). The development of crystallinity with
strain observed in this work (Figure 5) is in accord with
those obtained previously?34°~42  in particular the
onset of crystallinity at A~3.5 and a limiting level of
crystallinity at high strains of ~30%23. As has been
previously noted for natural rubber??-3? and in studies
of molten networks of polyethylene*3** the level of
crystalline orientation is particularly high even at low
strains. This is in marked contrast to the small degree of
preferred orientation in the non-crystalline component.
It is also apparent that the level of molecular orien-
tation in the non-crystalline component as indicated in
Figure 3, accelerates as the degree of crystallinity
exceeds 2-3%. It is emphasized again that the {P,)
values obtained in this work relate to the non-crystalline
component alone, unlike the more traditional biref-
ringence measurements. Thus the marked acceleration
in the development of molecular orientation (Figure 3)
is not a measure of the preferred alignment of the
crystallites, although the effect is clearly associated with
the onset of crystallinity. Such an identification is
manifestly supported by the absence of a similar upturn
in the (P,) versus strain curve relevant to the higher
temperature measurements, for which, even at the
highest strains, the crystallinity levels measured were
particularly small (Figure 11).

It is commonly thought that the crystallites act as
crosslinks, resulting in a decrease in the effective
molecular weight between junction points (and thus of
n) with increasing strain. This will naturally result in an
accelerating enhancement of the orientation with strain.
However, we should also note that as the crystallites are
almost perfectly aligned with respect to the extension
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axis, they therefore cannot accommodate further strain
by orientation. In effect the active volume of the
material has been reduced, resulting in a higher effective
strain upon the non-crystalline fraction. If the crystal-
lites are equiaxed we can postulate an effective straind’,

of the form:
1 1/3
/= o 9
i) ©

where f'is the fraction of crystalline material and A is the
strain with respect to the sample volume. Using the
values of crystallinity measured from the scattering
curves (Figure 5), we calculate the (P, ) versus A’ curve
shown in Figure I3 for extensions made at room
temperature. The solid line indicates the observed
behaviour, the broken line the corrected curve using
equation (9). Naturally the effects of the correction are
most marked at large strains where the levels of
crystallinity are highest. For values of 1 <5 the curves
are identical. The corrected curve for the (P,) values
obtained at the highest temperatures is not shown since
the small levels of crystallinity detected (less than 3%)
do not significantly effect . However, even with this
modification the orientational behaviour at 21°C is still
considerably different to that observed at the higher
temperatures: there remains an accelerating upturn in
the (P, ) versus A curve.

The breadths of the crystalline diffraction spots
suggest a crystallite size of ~50 A, and we can utilize
this size to estimate the spacing of the crystallites in the
deformed material. If the crystallites are dispersed
randomly throughout the sample, the crystallinity level
of 3% for A=5 would be equivalent to a crystallite
spacing of 160 A, and for 26% crystalline (1=7), the
crystallite separation would be 75-80 A. These values
may be compared with the average junction separation
of ~200 A in the isotropic state for a chain of molecular
weight of 23600 and C_ =4.7. Alternatively the crystal-
lite separation of 80 A would correspond to a chain
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Figure 13 A plot showing the (P,) versus A curve obtained for
extensions at 21°C (full line) and the modified curve (broken
line) taking account of the reducing active volume of the sample
due to the increasing levels of highly oriented crystailites with
applied strain, using equation (9)
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contour length equivalent to ~355 statistical links.
Hence the linear distances of the crystallites from each
other and from the conventional junction points are
considerably less than that calculated from the initial
crosslink density. The results of these calculations
support the proposals that part of the increasing rate of
orientation is due to the crystallites, which form as a
result of the applied strain, acting as junction points. A
similar effect is seen in the orientation behaviour upon
unloading. The maintenance of a high level of crystal-
linity on unloading a sample to reduced strains (Figure
5), results in enhanced (P, ) values, significantly higher
than the equivalent (P,) values obtained on loading.
This behaviour leads to a hysteresis loop in the
orientation-strain curve, as found by Treloar*® with
birefringence-strain measurements. Equivalence be-
tween the unloading and loading cycles is only reached
when the %crystallinity has dropped to ~3%,. This is a
similar value to that observed at the point in the
loading cycle when the upturn in the (P,) curve is
initiated. Following the calculations of the crystallite
separation above this particular level of crystallinity
corresponds to an inter-crystallite distance of 160 A or
approximately the same order as that for the mean
inter-junction distance in the isotropic state, although of
course the average separation between crosslinks and
crystallites will be much less. The crystallites may differ
in their actions as crosslinks to the normal chemical
junction points. Firstly they represent an inhomo-
geneous distribution of effective junction points, segre-
gated into small volumes and this could lead to
inhomogeneous deformation behaviour. Secondly, they
may be more constrained within the network due to this
segregation, and the orientation behaviour of the chain
vectors could approach that of the affine model rather
than the phantom chain system, in which junction
points are exposed to large fluctuations®>. Thus we may
qualitatively account for the difference between the
high-temperature and room-temperature orientational
behaviour at large strains by the onset of crystallization
which increases both the effective strain upon the non-
crystalline component, and the crosslink density.
However, such proposals do not accommodate the
differences observed at low and moderate strains. It has
been suggested*?, that highly defective crystallite-like
entities are formed at low strains prior to the onset of
true crystallization, and act as nuclei for the formation
of crystallites at higher strains. As described earlier
several treatments of rubber elasticity®* 3¢ have attem-
pted to include some local orientational interactions
between chain segments. Such interactions would
naturally be highly susceptible to variations in tempera-
ture, and it is interesting to note that significant
temperature effects have been observed in the orien-
tational behaviour of poly(methylmethacrylate) at tem-
peratures above T,°*°, although a-PMMA is a non-
crystallizable polymer. It is worthwhile to record that
from the breadths of the diffraction maxima, the
crystallite size does not appear to increase significantly
with increasing strain. It is not the intention to
speculate on the various theories (for example see refs.
46-48) of strain crystallization, but it is clear from the
disparate levels of molecular orientation in the crystal-
line and non-crystalline regions, that crystallization
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must involve appreciable growth from small particularly
well aligned nuclei.

High temperature behaviour

We shall now turn attention to the orientational
behaviour observed for extensions at 56°C and 75°C. It
is now clear that the accelerating orientational be-
haviour observed at room temperature generally as-
sociated with the simple affine model is concerned with
the onset of crystallization. No upturn is observed for
the higher temperature measurements, for which no
crystallinity was detected. In fact there is a slight
suggestion of the start of a turn up in Figure 10 at
A~6.5, and this may be related to the small level of
crystallinity detected at this strain as indicated in Figure
lla.

Comparison of the (P, ) values observed at 56°C and
75°C with the predicted behaviour for the affine model
is poor (Figure 12). It would appear that the rate of
orientation development at low strains is greater than
predicted by the affine model. This type of behaviour is
in accord with the predictions of the modified phantom
chain model proposed by Erman and Flory®!. However,
such enhancement of the molecular orientation is also
predicted by those models®**~2¢ with more specific local
intermolecular interactions and presumably also by
those models which postulate a significant role for
entanglements*®*%, A study of the effects on orien-
tational behaviour with strain of variations of both
temperature and crosslink density should help to
distinguish between these proposals. At higher strains
there is no evidence for an upturn related to the finite
extensibility of the network proposed by Smith et
al.#%*1 although since the level of crosslinking is low

the limiting strain, \/;, will be in the range A~ 14-18. At
room temperature the upturn in the { P,) versus 4 curve
may be attributed to the onset of crystallization as
proposed by Flory3? and Mark>'.

Optical studies

Although birefringence is a simple and convenient
method of evaluating molecular orientation, its re-
lationship to the molecular structure is unclear. Under
some circumstances intermolecular effects may be as
important as the anisotropic polarizability of an
individual molecular segment®2. Equally important may
be the effects of stress birefringence, widely used in
photoelastic stress analysis. For several polymers a
linear relationship has been established between the
birefringence and values of molecular orientation mea-
sured by WAXS techniques*® or spectroscopic methods
(for example see ref. 53). However, such measurements
have been made for glassy polymer samples in which
the molecular orientation has been frozen in by rapid
quenching, and thus the samples are not directly under
load during the birefringence measurements. In these
circumstances the level of stress birefringence would be
considerably less although not necessarily zero. For
natural rubber the attainment of linearity over a wide
range of strain at room temperature is prevented by the
onset of crystallization. The measurements presented in
Figure 9 represent the first step in establishing a reliable
intrinsic birefringence which enables optical measure-



Figure 14 (P,) values obtained from the birefringence results
of Treloar?® through the use of equation (2) and an intrinsic
birefringence Qn° of 0.20. The filled circles are for extension at
25°C and the open triangles for extension at 75°C. The solid lines
are the predictions of the affine model for (A) n=50, (B) n=75
and (C) n=100

ments to be normalized independently to provide
quantitative orientation measurements. The value ob-
tained in this work of An°=0.20+0.02 is lower than
that proposed originally by Treloar?® of 0.28. However,
if the segmental anisotropy determined by Morgan and
Treloar®* is converted to an intrinsic birefringence, a
value of 0.19 is obtained, which is in particularly good
agreement with that obtained in the current study.

The estimate of An° enables the birefringence results
of earlier studies to be re-evaluated on an absolute
basis. As an example, Figure 14 shows the birefringence
results of Treloar®® converted to (P,) values through
the use of equation (2), and the value of An° of 0.2.
From the original Figure?® it is not possible to
differentiate at low strains the values appropriate to
75°C, but the general trends are clear, and the
experimental curves are compared to the predictions of
the affine model for a range of n. From hysteresis in the
birefringence curves, Treloar related the departure of
the room-temperature data from the predicted be-
haviour to the effects of crystallinity. The curve for the
room temperature measurements (Figure 14) is similar
in shape to that measured in this work (Figure 3).
However, the (P,) values from the birefringence
measurements are much higher due to the inclusion of
the crystallite orientation, which could be separated out
in the WAXS studies. Although Treloar?® detected no
hysteresis in the stress—birefringence behaviour for
samples extended at 75°C and above, he suggests from
hysteresis in the strain-birefringence data that, even at
100°C, some crystallinity may be present. The initial
modulus measurements of Treloar suggest a value of
n~90 (a much higher crosslink density than used in this
study), which would provide predicted {(P,) values in
approximate accord with the magnitudes of the expe-
rimental P, parameters. However, there is poor agree-
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ment between experiment and theory in terms of the
shape of the (P,) versus strain curve, as has already
been observed with the orientational behaviour using
WAXS techniques.

Summary

It is clear that the deformation behaviour of
crosslinked natural rubber at room temperature is
particularly complex. Any successful theory of strain
crystallization must not only take account of the
formation of the crystallites from well oriented nuclei
and their subsequent growth, but also the distortion of
the chains in the remaining non-crystalline component.
The apparent match between experimental orientation
behaviour at room temperature and the predictions of
the affine model is due to the onset of crystallization.
Thus data used in this manner should be treated with
caution unless the levels of crystallinity have been
determined. However, reliable data can be obtained at
higher temperatures where crystallinity has been sup-
pressed. Orientation parameters obtained in this way
show the simple affine model to require modification
particularly for low and moderate strains. Possible
modifications to the affine model relevant to natural
rubber but considered within the context of a range of
polymers are discussed elsewhere®>.

CONCLUSIONS

(a) Careful analysis of the anisotropy in the wide-
angle X-ray scattering patterns from extended samples
provides a useful and relatively straightforward method
for obtaining quantitative orientation parameters (P, )
and (P, ) for rubber networks as a function of strain.

{b) The nature of the crystallite morphology in the
extended natural rubber samples enables the molecular
orientation of the crystalline and non-crystalline com-
ponents to be evaluated separately.

(c) The X-ray scattering technique is particularly
useful as it also enables the levels of crystallinity and
other structural changes to be monitored concurrently
with the orientation measurements.

(d) Comparison of the experimentally determined
chain orientation parameters { P, with those predicted
for the affine model indicate that the agreement
previously suggested is only observed for a network
containing some crystallinity, which affects the orien-
tational behaviour of the non-crystalline chains.

(¢) Measurements of the molecular orientation at
higher temperatures where crystallinity has been sup-
pressed, are at variance with the predictions of the affine
model, particularly at low and moderate strains.

() Parallel measurements of the birefringence and
molecular orientation parameters using WAXS tech-
niques provide an estimate of the intrinsic birefringence
of non-crystalline natural rubber of 0.02 +0.02.
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